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Abstract

There are more than 200 different methods for measuring adhesion, suggesting it to be material, geometry and even
industry specific. This availability has exploded at least partly due to the arrival of dissimilar material interfaces and thin
films and the ease with which microfabrication techniques apply to silicon technology. Having an eye toward those tests
utilized for thin films, this paper reviews only a few of these techniques. The emphasis is on measuring thin film adhesion
from the standpoint of fracture mechanics, when the film is mechanically or by other means removed from the substrate,
and the amount of energy necessary for this process is calculated per unit area of the removed film. This tends to give
values approaching the true work of adhesion at small thickness and greater values of the practical work of adhesion at
larger thickness, all being in the 30–30,000 nm range. The resulting large range of toughnesses is shown to be dependent
on the scale of plasticity achieved as controlled by film thickness, microstructure, chemistry and test temperature.

While the tests reviewed largely address the measurement of elastic strain energy release rates, we also briefly address
a few theoretical models which are specific to the resistance side of the delamination equation. The weight of the
evidence suggests for ductile metallic films that the major extrinsic variables are film stress, extent of delamination,
thickness and temperature while the major intrinsic ones are modulus, yield strength, the thermodynamic work of
adhesion and one or more length scales. For some 25 film/substrate multilayers, with emphasis on Al, Au and Cu, the
comparison of several theoretical models as to how the extrinsic and intrinsic variables intertwine is made. 2002
Published by Elsevier Science Ltd on behalf of Acta Materialia Inc.
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1. Introduction

Thin film adhesion is a very important property
not only for microelectronics and magnetic rec-
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ording industries, but also for emerging techno-
logies such as data transmission through optical
switches which are dependent on microelectro-
mechanical systems (MEMS). In general, films that
will adhere to the substrate are desired, though
spontaneous delamination may occur at any time
due to residual stress induced crack growth
between the thin film and the substrate. Qualitative
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Nomenclature

Unless otherwise specified, the following nomenclature is used in this paper:

a interfacial crack length
A fracture surface area
b Burgers vector
C plastic zone size
c dislocation free zone
D diffusion coefficient
d grain size
E Young’s modulus
E� plane strain Young’s modulus (E/(1�v2))
G strain energy release rate
�i interface fracture toughness
H thin film hardness
h thin film thickness
J flux
K stress intensity at a crack tip (KI,II,III are used for mode I, II and III)
KC critical stress intensity of a material
P load
T temperature
t time
U energy
VI indentation volume
WA thermodynamic work of adhesion
WA,P practical work of adhesion
sys thin film yield strength
s stress (sI,B,R are indentation, buckling and residual stresses, respectively)
e strain, positive taken as compressive
n Poisson’ s ratio
m shear modulus
g surface energy
� mode mixity (phase) angle
d displacement
� activation volume

Subscripts

f denotes the film
s denotes the substrate
C or cr denotes critical
R denotes residual
fric denotes frictional
I or ind denotes indentation
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tests such as the scotch tape test or the pull-off test
[1,2], are often used to monitor adhesion, since
they are quick and easy to perform. While for some
applications the formal comparison is good
enough, quantitative adhesion values are desired
for understanding factors contributing to thin film
adhesion, for numerical simulations and lifetime
predictions.

Most adhesion tests empirically infer the
adhesive strength by subjecting the specimen to
some external load and measuring the critical value
at which it fails [3]. While still useful for routine
quality control, these tests do not measure the
interface fracture toughness, since the strain energy
release rate usually cannot be deconvoluted from
the work of the external load. Linear Elastic Frac-
ture Mechanics (LEFM) is the discipline that pro-
vides quantitative answers to specific problems of
crack propagation from stresses in different struc-
tures. It can be also applied in the case of thin
films.

There are a sufficient number of different tech-
niques for measuring thin film adhesion just based
on the LEFM approach. However, there are no uni-
versal tests for measuring thin film adhesion. This
can be explained by the variety of film systems
even a single industry (e.g. microelectronic) is
dealing with. These represent different types of
dissimilar material interfaces that are present in
modern electronic device (metal–metal, metal–cer-
amic, polymer–metal, polymer–ceramic, etc.). As
a result, a test that works with one film system may
not necessarily work with another. One should also
note that adhesion is not a constant, but rather a
very complicated variable property, a concept very
important for understanding length scale effects in
small volumes.

In this paper different adhesion testing tech-
niques will be discussed, along with the fracture
toughness results of mostly metal–ceramic inter-
faces. The emphasis will be on as-deposited thin
films, although some thermally treated and/or dif-
fusion-bonded interfaces will be addressed if these
are in the small volume regime arbitrarily defined
here as about 10 µm or less. Though there is no
standard adhesion test for thin films, there are cer-
tain universal approaches that can be applied for

measuring film adhesion. However, we must first
define adhesion.

2. Definition of adhesion

2.1. True work of adhesion

From a thermodynamic standpoint the true work
of adhesion of the interface is the amount of energy
required to create free surfaces from the bonded
materials:

WA � gf � gs�gfs (1)

where gf and gs are the specific surface energies of
the film and the substrate respectively, gfs is the
energy of the interface. True work of adhesion is
an intrinsic property of the film/substrate pair; that
depends on the type of bonding between the film
and the substrate, and the level of initial surface
contamination.

The true work of adhesion is often determined
by contact angle measurements [8,10]. If the tested
material particle is in thermal equilibrium on a sub-
strate, then:

gfs � gs�gf cos� (2)

where � is the contact angle between the particle
free surface and the substrate (Fig. 1).

The work of adhesion now can be expressed
with the Young–Dupré equation:

WA � gf � gs�gfs � gf(1 � cos�). (3)

Droplets in thermodynamic equilibrium can be
obtained by the sessile drop method [9] or by
annealing [8,10]. In case of the easily oxidized
drops such as Cu, annealing must be performed in
vacuum. When the surface energy of the film gf is
known at a given temperature T0, at any tempera-
ture T it would be:

Fig. 1. Contact angle measurement schematic.
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gf(T)�gf(T0) � (T�T0)�∂gf
∂T�T � T0

. (4)

Solving Eqs. (3) and (4) for the annealing tempera-
ture gives the value of the true (thermodynamic)
adhesive energy. In most of the cases annealing
must be performed in vacuum in order to avoid
oxidation. If crystallographic faceting occurs upon
cooling, a different technique is used to assess the
work of adhesion, based on the aspect ratio
measurements of the equilibrated crystals [6,7].
Contact angle distribution can be obtained from the
SEM or AFM image analysis [8]. Usually both
results from contact angle and aspect ratio
measurements agree well for metallic films [8].

The true work of adhesion is a constant for a
given film/substrate pair, and for metals on ceramic
is typically a small number on the order of 0.5–2
J/m2. Reimanis et al. [7] and Lipkin et al. [8] meas-
ured the thermodynamic work of adhesion of gold
on sapphire to be 0.5–0.9 J/m2. Furuya and
coworkers calculated adhesive energies of
Cu/SiO2, Cu/TiN and Cu/TiW interfaces using the
contact angle technique [10] with the two latter
values being more than double the Cu/SiO2 value
of 0.8 J/m2 as discussed later.

For the idealized case of Griffith fracture [4], the
interfacial toughness, �I, is assumed to be equal to
the thermodynamic work of adhesion, WA:
�I = WA. In practice, even brittle fracture is
accompanied by some sort of energy dissipation
either through plastic deformation at the crack tip
[5], or friction. In this regard, even relatively thin
films on the order of 100 nm can exhibit plasticity
during interfacial fracture resulting in an elevated
work of fracture.

2.2. Practical work of adhesion

Most of the test methods measure adhesion by
delaminating thin films from the substrate. While
debonding from the substrate, the thin film and/or
the substrate usually experience plastic defor-
mation, so it is difficult to extract the true adhesive
energy from the total energy measured. What is
measured is the practical work of adhesion, or
interfacial toughness:

WA,P � WA � Uf � Us � Ufric (5)

where Uf and Us are the energy spent in plastic
deformation of the film and the substrate, respect-
ively, and Ufric is the energy loss due to friction.
Although the last three terms appear to be simply
additive, it should be noted that both Uf(WA) and
Us(WA) are functions of the true work of adhesion
[11] and in many cases Ufric(WA) will be as well.
Fracture mechanics approach uses the strain energy
release rate, or the crack driving force as a measure
of the practical work of adhesion:

G	R, (6)

where U is the total energy of the system, and A
is the crack area, and R is the resistance to crack
propagation. For the films of interest here, the
resistance to crack growth is defined as �(�), the
interfacial fracture resistance for mixed mode
crack growth. This along with strain energy release
rate, as defined for the case of fixed-grips loading
(displacement u0 a constant) condition gives

G � ��∂UE

∂A �
u0

	�(�) � R. (6a)

We first address the tests to determine G, and later
consider various resistance terms and several poss-
ible ways to interpret that resistance, e.g. phase
angle, friction and plastic energy dissipation.

The amount of energy dissipation depends on
mode mixity (phase angle), a relative measure of
the amount of shear and normal stress components
at the crack tip (� = tan�1(t/s) = tan�1(KII/KI)).
The concept of mode mixity is presented in Fig.
2, which shows that the amount of energy dissi-

Fig. 2. Interfacial fracture toughness as a function of the mode
mixity angle.
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pation is higher in pure shear compared to the pure
opening fracture mode. Several
criteria/phenomenological relationships have been
proposed to characterize interfacial fracture energy
as a function of the phase angle of loading [16].
There are results in the literature, both experi-
mental and theoretical that exhibit similar behavior
[12–16]. The most realistic phenomenological
descriptions of the functional dependence of the
interfacial toughness on the mode mixity are given
by Hutchinson and Suo [16]:

�(�) � �0[1 � tan2{�(1�l)}] (7)

g(�) � �0[1 � (1�l)tan2{�}]. (8)

In these expressions �0 is the mode I interfacial
toughness for � = 0, and l is an adjustable para-
meter (Fig. 3). Strictly speaking, there is always a
mode mixity effect in the case of a crack propagat-
ing along the interface between two dissimilar
materials just due to a mismatch in their elastic
properties [17]. Interfacial fracture mechanics con-
siders an interface between two different isotropic
materials. In determining fracture toughness
through the use of a complex stress intensity factor
for bimaterials, this can be expressed as [16]:

Fig. 3. Phenomenological functions for �(�).

K � (K1 � iK2) � � P
√h

(9)

�i
M

h3/2� p
√2

hie eiw,

where h is the film thickness, M is the bending
moment due to load P, w is a real angular function
p = √(1�a)/(1�b2), and e is a bimaterial real con-
stant:

e � (1/2p) ln[(1�b)/(1 � b)]. (10)

The Dundurs parameters a and b for plane strain
are [17]:

a �
(m1/m2)(1�n2)�(1�n1)

(m1/m2)(1�n2) � (1�n1)
(11)

b �
1
2
(m1/m2)(1�2n2)�(1�2n1)
(m1/m2)(1�n2) � (1�n1)

where the mi, ni are shear moduli and Poisson’ s
ratios for materials 1 and 2. For bimaterials the
phase angle � is then defined as follows:

� � tan�1� Ph sinw�2√3M cosw
Ph cosw � 2√3M sinw�. (12)

The crack path depends on the phase angle,
residual stress and the modulus mismatch between
the film and the substrate. In the case of a weakly
bonded film on a substrate, the interface will be
the most likely crack path. There will be cases
when the crack can kink either into the substrate
or into the film itself [16]. When testing thin film
adhesion, knowledge of the fracture interface and
the phase angle is necessary in order to interpret
the results correctly.

There is also a link between the thermodynamic
work of adhesion (WA) and the interfacial tough-
ness (�(�)). For example, when the thin film yield
stress is low, and WA is high, ductile fracture is
the most likely failure mechanism. Conversely,
when the film yield stress is high, and the true
adhesion is low brittle fracture occurs [8,18–20].
In the case of a metal film on a brittle substrate,
one may improve the interfacial toughness by
decreasing the film yield stress (annealing), or by
using the interlayers that may increase the WA
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term. We will now consider different techniques
for measuring the interfacial fracture toughness of
thin films.

3. Adhesion tests classification

There are more than one hundred different
methods for measuring thin film adhesion that
employ different sample geometries. Some tests
use continuous films, some require patterning, but
all tests use some driving force or stored energy
to achieve thin film delamination. The energy may
come from the external mechanical force imposed
on the film, or it can be stored in the film itself
(through the internal film stress). These tests gener-
ally measure critical values of applied stress inten-
sity, Ki, or strain energy release rate, Gi where i
can be mode I, II or III or of mixed mode character.

3.1. Superlayer test

A test based upon internally developed stresses
was proposed by Bagchi and coworkers [21]. Here,
residual tensile stresses in a thin film line drive its
delamination from a thick substrate. The nondi-
mensional steady state strain energy release rate for
a narrow line after crack initiation is:

GSSEf/s2
f hf � 1/2, (13)

where Ef is the Young’s modulus of the film, hf is
the film thickness, and sf is the residual stress in
the film. The corresponding phase angle in this
case is about 52° [21]. For the wide line (line width
is greater than its thickness) the residual stress is
biaxial and the strain energy release rate is:

GSSEf/s2
f hf � 1�nf, (14)

where nf is Poisson’s ratio of the film. For a typical
film thickness of one micron and a residual stress of
100 MPa, the stress-induced energy release rate is
too small, on the order of 0.1 J/m2. As most inter-
faces in microelectronic devices have higher debond
energies, decohesion is difficult if not impossible
under these conditions. GSS needs to be increased
without substantially changing the phase angle. One
of the ways to achieve it is by increasing the
resulting film thickness by putting a thick overlayer

(superlayer) on top of the tested structure. For Cu
interconnects, Cr was found to be the optimal super-
layer [21,22]. The superlayer increases the film total
thickness and elevates the total residual stress with-
out changing the tested interface. It is deposited at
ambient temperatures (by electron beam
evaporation) and does not react with the tested Cu
film. More importantly, it has high residual tensile
stresses upon deposition. Fig. 4 illustrates the test
schematically. First a thin carbon release layer is
thermally evaporated and patterned using the bilayer
photolithography technique. This layer acts like a
precrack for the test structure. Its width is at least
twice the Cu film thickness to avoid edge effects on
the energy release rate.

In the second step the film of interest (Cu) and
the superlayer (Cr) are deposited and patterned to
form strips perpendicular to the carbon lines. In
order to produce a range of strain energy release
rates the superlayer thickness is varied. The metal
bilayer structure is cut by wet etching or ion mill-
ing during the third step. If the strain energy
release rate exceeds the adhesion energy, the strips
decohere. If the films stay attached, the adhesion
energy was not exceeded and a thicker superlayer
should be used.

The debond energy G is determined by the criti-
cal superlayer thickness [21]:

G � �
i

s2
khi

Ei�
��

i

1
Ei�

�P2

hi

�
12M2

i

h3
i
� (15)

P � k�E1�h3
1 � E2�h3

2

6(h1 � h2)
�

k �

6(h1 � h2)(e1�e2)
h2

1 � E2�h3
2/E1�h1 � E1�h3

1/E2�h2 � h2
2 � 3(h1 � h2)2

Mi � Ei�k,

Fig. 4. Superlayer test schematic.
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where i = 1,2 refers to the two materials in the
bilayer, h1 and h2, Ei� are the biaxial elastic mod-
uli, Ei� = Ei/(1�ni), the load P is associated with
the residual tension stress, si, in each layer, k is
the curvature of the debonded layer, ei are misfit
strains: ei = si/Ei�, Mi are the bending moments
along the centerline of each layer due to the load
P (Fig. 5).

A similar idea of using the superlayer residual
stress to drive thin film delamination was
employed by Kinbara et al. [23] to debond Ti films
with a Ni superlayer. Finite element analysis has
been used to calculate the stress distribution in the
test structure. As normal stress was used for the
adhesion measurement, the mode mixity effects
were not taken into account.

In the case of the residual compressive stress in
the line, it may buckle and relieve the stress. The
strain energy release rate is calculated then [16,24]:

G � �(1�n2)h
2E �(s�sB)(s � 3sB), (16)

where sB is the buckling stress in Eq. (20), and s
is the stress in the line, which can be calculated
from the buckle height, d [16]:

s � sB�3
4�d

h�2

� 1�. (17)

Zhuk et al. [26] have measured the practical work
of adhesion using the superlayer test and related it
to the true work of adhesion from contact angle
measurements. Xu et al. [25] used a 1 µm Cr super-
layer with 1 GPa residual stress to form cracks at
the end of microlithographed strips.

Though the superlayer test gives accurate
adhesion energy values, the testing technique is

Fig. 5. Film decohesion in the superlayer test.

rather tedious. Several superlayer thicknesses have
to be deposited before the lower and upper bounds
of adhesion could be extracted. The phase angle is
also limited to 50° [21,22]:

3.2. Indentation tests

Nanoindentation is normally used for measuring
thin film mechanical properties such as the elastic
modulus and hardness [27], which are also useful
for modeling the film fracture behavior. In the case
of a brittle, weakly bonded film, indentation can
be used to delaminate the film from the substrate,
thus measuring the thin film interfacial strength
[28–35]. Basically, the cone (plane stress) and the
wedge (plane strain) are the two most popular
indenter geometries for measuring brittle thin film
adhesion by indentation. Marshall and Evans [29]
provide the analysis for the conical indentation-
induced thin film delamination. The strain energy
release rate is:

GEf

(1�nf)
�

1
2

hs2
1(1 � nf) � (18)

(1�a)(hs2
R)�(1�a)h(sI�sB)2,

where Ef and nf are the thin film’s Young’s modu-
lus and Poisson ratio, respectively, h is the film
thickness and sR is the residual stress in the film.
Here, a sharp diamond tip is indented into the
tested thin film, and plastically deforms a volume
of 2VI [Fig. 6(a)]. Indentation causes nucleation
and propagation of the interfacial crack. If the
indenter is driven deep enough, so that the crack
reaches its critical buckling length, the film double
buckles [Fig. 6(b)] during indentation. If the crack
length did not reach its critical buckling length on
each side of the indenter, single buckling might
occur upon tip removal [Fig. 6(c)). When the tip
is removed, the film under indenter is no longer
under constraint, so it may form a single buckle
even in the initial double-buckling case.

The indentation stress, sI, can be calculated by
using the indentation volume, VI:

s1 �
VIEf

2pha2(1�nf)
. (19)

The indentation volume, VI, can be calculated from



448 A.A. Volinsky et al. / Acta Materialia 50 (2002) 441–466

Fig. 6. (a) No buckling during indentation; (b) double-buck-
ling during indentation; (c) single-buckling after the indenter
tip removal.

the plastic indentation depth using the tip
geometry, and the crack length, a, which can be
directly measured by using microscopy or profil-
ometry techniques. If the crack is driven far
enough by the indenter, the film can buckle, then
the Euler buckling stress comes into play:

sB �
m2h2Ef

12a2(1�nf)
, (20)

where m is a constant, which depends on the
boundary condition. The term a is zero if the film
does not buckle, and represents the slope of the
buckling load versus the edge displacement:

a � 1�
1

1 � 0.902(1�nf)
. (21)

Note that in the case of non-buckling fracture
(a = 1), delamination is only driven by the inden-
tation stress, and the residual stress does not come
into play.

A simpler model is presented by Rosenfeld et
al. [30] for thick films with low elastic modulus:

G �
2(1�n2

f )s2
rxh

Ef
(22)

� 1
1 � nf � (a/x)2(1�nf)

�2

,

where srx is the radial stress at the indenter contact
radius, a is the crack radius and x is the indenter
contact radius. If the film hardness, H, is constant
through the film thickness, then the contact radius
can be expressed through the indentation load
x = (P/H)1/2. Applying the Tresca yield criterion,
the radial stress srx can be expressed through the
film hardness H, and the strain energy release rate
from Eq. (22) becomes:

G �
0.627H2h(1�n2

f )
Ef

(23)

1
[1 � nf � 2(1�nf)Ha2/P]2.

The idea of expressing the strain energy release
rate is very promising, since the load is continu-
ously recorded during the indentation process,
although the model does not account for the thin
film residual stress and buckling. It can be applied
to relatively thick films (
10 µm), where hardness
does not change with the film thickness and sub-
strate contributions are negligible.

A microwedge wedge indentation test (MWIT)
has been proposed by de Boer and Gerberich for
thin metal lines [31,32]. Here, a diamond wedge
is indented perpendicular to the line to cause its
debonding as indicated in Fig. 6. An approach
similar to [29] is employed, where the plastic vol-
ume is assumed to transform into elastic film dis-
placement at the crack tip:

G �
Ef�V2

0

2b2ha2, (24)

where V0 is half of the total indentation volume, a
is the crack length, b is the line width, and Ef� is
the plane strain elastic modulus of the film: Ef�
= Ef/(1�n2

f ). The test accounts for the line buck-
ling, and appropriate solutions are available [31].

A similar wedge indentation test has been
applied by Vlassak et al. to measure adhesion of
hard films on ductile substrates [34]. It is based on
the model for the plane strain wedge indentation
into a brittle continuous film on a ductile substrate:
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G �
(1�n2

f )sxxh
2Ef

, (25)

where sxx is the stress in the film, perpendicular to
the wedge line:

sxx � sR�nf� Ef

1�n2
f
�W2 tanb
pa2 . (26)

Here, sR is the residual stress in the film, W is
the half width of the wedge indentation, b is the
inclination of the face of the wedge to the surface
of the film, and a is the crack length.

The advantage of the wedge indenter geometry
over conical, Vickers and Berkovich geometries is
the weaker 1/a2 dependence in Eqs. (24) and (26)
compared to 1/a4 for the axisymmetric case [Eqs.
(18) and (23)]. The problem with the wedge inden-
tation is the alignment. Usually, wedges are not
perfectly symmetric and difficult to align perpen-
dicular to the plane of the thin film. Misalignment
causes asymmetric crack growth on both sides of
the wedge. This effect has been observed on both
the micro and macro scales [31,36]. A new revision
of the wedge indentation test is provided in [37].

A relatively new idea of a cross-sectional inden-
tation test for thin film delamination has been pro-
posed by Sanchez et al. [38]. An indentation is
made into the substrate cross-section close to the
film interface which causes the film to debond. The
energy release rate can be calculated by knowing
the maximum film deflection u0:

G �
Eh3u2

0

12(a�b)2(1�l)4(2F � lF�). (27)

where a and b are the delamination and contact
radii, respectively, l = a/b, and F is defined as:

F(l) �

2 lnl �
1 � l
1�l

ln2l

[(1 � l) lnl � 2(1�l)]2, (28)

and F� = dF/dl. This test is particularly useful, as
the film is not directly indented, and the crack
initiates in the brittle substrate, which limits the
amount of plastic deformation.

Unfortunately, indentation tests cannot often be
used to test adhesion of ductile films on brittle sub-
strates. A ductile strongly adhered film most often

deforms before delamination from the substrate.
Even if the film debonds from the substrate,
delaminations are not reproducible. However, these
problems have been solved with the introduction
of the superlayer indentation technique.

3.3. Superlayer indentation test

Kriese and Gerberich [39] have combined the
idea of the superlayer test with the indentation frac-
ture test. Deposition of a highly stressed hard
superlayer on top of the film of interest adds
additional stress to the delamination process, and
prevents out of plane displacements of the film,
suppressing plastic pile-up around the indenter. A
modified Marshall and Evans analysis has been
used [29], and the laminate theory is employed in
order to calculate necessary terms in Eq. (18) for
the bilayer [39].

In the case of a highly compressed superlayer,
the indentation stress is being added to the residual
stress, so multiple superlayer depositions are avo-
ided. Blanket films can be tested in the as-
deposited, or as-processed conditions with no pat-
tern transfer necessary. When an indenter pen-
etrates through the bilayer, it causes film debond-
ing and blister formation, which can be viewed in
an optical microscope using Nomarski contrast
(Fig. 7). Properties of the films such as elastic
modulus, Poisson’ s ratio, as well as the tip angle
and radius are needed for an adhesion assessment.
Generally speaking, there are two measurements
that are necessary for strain energy release rate cal-

Fig. 7. Optical micrographs of indentation induced blisters
with (right) and without (left) a W superlayer.
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culations. From the standpoint of blister formation,
both indentation depth and blister diameter are
required. Blister diameter is measured in the
optical microscope with Nomarski contrast. Using
the Oliver–Pharr method [27], inelastic indentation
depth, dpl, is calculated from:

P � A(d�dpl)m, (29)

where P and d are the load and displacement from
65% of the unloading slope of the load–displace-
ment curve, respectively. A and m are the power
law fitting parameters. Indentation volume, VI is
calculated from the inelastic depth by using tip
geometry. Now the indentation stress can be calcu-
lated from Eq. (19), assuming the conservation
of volume.

The solution for the buckling stress in the bilayer
is also provided in [39]. There are two different
cases of buckling in the indentation-induced
delamination. If the crack is driven far enough, the
film may buckle around the indenter when the tip
is in contact with the film (double or annular
buckling). The film may also buckle back upon the
tip retrieval from the film (single buckling), when
the total crack length exceeds the critical buckling
length. See Fig. 6. The appropriate strain energy
release rate, G can be determined according to the
following rule:

(i) G = Gnonbuckled if the total stresses in the film
never exceed double or single buckling stress-
es;

(ii) G = Gnonbuckled if G exceeds Gsingle, but the
stress is not sufficient for the double buckling
to happen;

(iii) G = Gdouble if double buckling occurs and G
exceeds Gsingle;

(iv) G = Gsingle if none of the above conditions
occurs.

Although the residual stress does not come into
play if the single film is not buckled [Eq. (18)],
the situation may change in the case of a bilayer
due to the residual stress in each of the films. The
residual stress is typically tensile for a metallic film
(Cu, Al, Au, etc.) on a Si wafer mostly due to the
thermal mismatch (a metal has a higher thermal
expansion coefficient than ceramics). The stress in

the superlayer is preferred to be compressive [40].
In the case of a compressive residual stress in the
superlayer (W) and tensile stress in the underlayer
(Cu), both stresses would contribute to the positive
bimaterial beam bending moment, thus the total
curvature change (Fig. 8). A similar situation has
been observed in the case of the bimaterial lines
debonding [24]. The fact that the films are bent in
the freestanding form means that the critical buck-
ling stress needs to be reduced accordingly to
account for the film curvature [41].

The advantage of the superlayer indentation test
is that it provides interfacial toughness measure-
ments over a wide range of phase angles. Prior to
buckling the phase angle is equal to the real angu-
lar function, w, and at the onset of buckling a rapid
decrease occurs.

3.4. Scratch tests

In a typical scratch test a stylus or a diamond
tip is drawn across the film surface. The test could
be treated as a combination of two operations: nor-
mal indentation process and horizontal tip motion.
A vertical increasing load is applied to the tip dur-
ing scratching until the coating detaches from the
substrate. The minimum critical load Pcr at which
delamination occurs is used as a measure of the
practical work of adhesion [42,43]:

Pcr �
pr2

2 �2EWA,P

h �1/2

, (30)

where r is the contact radius and h is the film thick-
ness. This analysis is applicable only when the ten-
sile stress normal to the film surface drives delami-
nation.

Venkataraman et al. developed a model for esti-
mating the energy per unit area G0 stored in the
film from the scratch elastic stress distribution
[44,45], which was modified later to account for
residual stresses in the film [83]:

G0 �
(1�n2)s2

r h
2E

� ��(1�n2)t̄2ijh
2m

(31)

�
(1�n2)s̄2

iih
2E �,

where sr is the residual stress, t̄ij and s̄ii are the
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Fig. 8. Schematic of a bilayer film bending due to the residual stress in each layer.

average elastic shear and normal stresses in the
delaminated film, h is the film thickness, m is the
film shear modulus. t̄ij and s̄ii can be determined
from the scratch trace geometry observed in SEM.

For a symmetric scratch trace, the strain energy
release rate could be found using a circular blister
analysis [46]:

G0 �
(1�n)hs2

E
(1�a)�1�

sB

s �2

, (32)

where a is defined by Eq. (21) and sB is the Euler
buckling stress, defined by Eq. (20) for a circular
blister with m = p [16].

In a further development, de Boer et al. adjusted
the original scratch test for fine line structures
[47,48]. A schematic of this new test, the
precracked line scratch test (PLST), is shown in
Fig. 9. Here, a thin metal line on a substrate is
pushed with the asymmetric diamond wedge from
its end. For ease of fracture, the thin line has a

Fig. 9. Schematic of the precracked line scratch test (PLST).

processed precrack in the form of a carbon layer,
which makes it a real fracture mechanics specimen.
The carbon layer is similar to that of the superlayer
test of Bagchi and Evans [21,22]. The precrack
portion of the line is deformed elastically in the
beginning of the test until the crack propagates.
When the crack reaches its critical buckling length
at a certain critical load, Pcr, the film buckles. At
the point of buckling the strain energy release rate
can be calculated as:

G �
s2h
2Ef�

�
(Pcr�Pfric)2

2b2hEf�
. (33)

Here s is the stress in the cracked portion of the
line, b is the line width, Pcr and Pfric are the critical
buckling load and the friction load, respectively,
which are measured experimentally. The test is
applicable to relatively hard lines, capable of bear-
ing a load to the crack tip without plastically
deforming; it was originally carried out on thin W
lines deposited on oxidized silicon wafers. The
phase angle just prior to buckling is 52.7°, and
decreases rapidly after buckling due to the
increased normal stress component. Post-buckling
solutions for the strain energy release rate are pro-
vided in Refs. [31,33,36]. The mechanics for the
PLST have been modeled using the macroscopic
setup of a polycarbonate line bonded to steel with
cyanoacrylate [36]. This allowed a construction of
the strain energy release curve throughout the
whole test, before and after the line buckling (Fig.
10). Prior to the line buckling an R-curve behavior
is observed, when the strain energy release rate
increases with the crack length. At the point of
buckling there is an unstable crack growth, since
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Fig. 10. Strain energy release rate for the precracked line
scratch test (PLST).

the strain energy release rate, G, exceeds the
interfacial fracture toughness, �(y) (Fig. 11). This
situation is analogous to circular blister buckling
[16]: at a certain critical level of stress, sbuckle, and
a certain crack length, a1, the line starts to buckle,
at which point the interfacial fracture toughness
drops under the influence of the phase angle
decrease. The crack arrests at a2 when the strain
energy release rate and the interfacial fracture
toughness are again in equilibrium. At this point
fracture is dominated by the mode I stress compo-
nent, and continues to grow stably until the total
line decoheres [36].

The PLST allows measuring the interfacial frac-
ture toughness over a wide range of phase angles,
although it may not be appropriate for ductile met-

Fig. 11. Schematic of unstable crack growth during buckling for PLST.

als such as Cu, Al and Au. For this test to work,
the material is supposed to transfer the stress down
to the crack tip without plastically deforming. This
problem may be solved by using a rigid, hard
superlayer on top of the film of interest, just like
in the superlayer indentation test.

3.5. Bulge and blister tests

The bulge test is analogous to uniaxial tension
for bulk materials and has been developed for mea-
suring mechanical properties of thin films. In the
bulge test a freestanding thin film “window” is
pressurized on one side, causing it to deflect (Fig.
12). A stress–strain curve could be constructed
from measured pressure, P, and film deflection d.

The pressure–deflection curve is a function of
sample geometry, its mechanical properties and
residual stress. A spherical cap model was initially
used for stress and strain determination in the bulge
test [49]:

s �
Pr2

4dh
and e �

1
3r2d

2 � A (34)

where d is the total bulge height, h is the film thick-

Fig. 12. Bulge test schematic.



453A.A. Volinsky et al. / Acta Materialia 50 (2002) 441–466

ness, r is the bulge radius, and A is the term which
accounts for initial stress in the film and for slack
films is: 2d0/3r2, with d0 the height due to the slack
in the film. For taut films A = s0/E�, where s0 is
the initial tensile stress in the film, E� is the biaxial
modulus of the tested film.

The relation between pressure P and deflection
d may be expressed, based on the cap model:

P �
c1s0h

ar2 �
c2Eh

r4(1�n)
d3 (35)

where c1 and c2 are geometric parameters of the
bulge form. Vlassak et al. [49] showed the validity
of Eq. (35) for square and rectangular membranes
using an energy minimization technique.

The spherical cap model assumes an equibiaxial
state of stress and strain in the bulged film, which
is not true since the film is clamped and there is
no circumferential strain at the edge. There is also
an uncertainty in measuring the initial bulge height
in the beginning of pressurizing. Finite element
analysis was conducted to overcome such prob-
lems [49–52] for measurement of biaxial modulus
and Poisson’ s ratio.

Mechanics for the blister test are also given else-
where [16]. A disadvantage of this method lay in
its difficult specimen preparation. If the film is too
thin (�2 µm), it may wrinkle due to the residual
stress relief upon being made freestanding [51].
The blister test is similar to the bulge test with the
only difference being that the pressure is increased
until the film starts to debond from the substrate,
forming a blister. The crack extension force (strain
energy release rate) for the blister test is given as
in [53]:

G � Pd
kn
p�4 � 5f

4 � 4f� (36)

where the coefficient kn accounts for the shape of
the blister and is about 1.62 for a circular window
and 1.94 for a square window; f is given as
f = [(c2E�f)/(c1s0)](d/r)2.

Blister tests are often invalid in the case of thin
ductile films due to film yielding before deco-
hesion. In order to prevent film yielding, a hard
elastic superlayer may be deposited on top of the
film of interest, similar to the superlayer inden-

tation technique. The superlayer can be deposited
directly on the freestanding film without causing
its wrinkling [54]. Another problem with the blister
test is that the crack often does not propagate uni-
formly along the perimeter of the blister, making it
harder to interpret the results. A transition between
blister bending and stretching is discussed in [55].

For a homogeneous system the phase angle
range in the blister test is between �40 and �90°.
A comprehensive analysis of mode mixity in the
blister test is presented in [56].

3.6. Sandwich specimen tests

For the sandwich type of test a macroscopic
fracture mechanics sample is made with a thin film
incorporated into the test structure. This is typically
done through diffusion bonding, which can alter
both the film microstructure and interfacial
adhesion, since the bonding process takes a long
time (several hours) and occurs at temperatures
close to the melting point. Usually it acts as an
annealing step during the sample preparation,
which may not be part of a production process. As
a result, these types of measurements do not apply
to the films in the as-deposited state. These tests
are modifications of classical fracture mechanics
tests, for which mechanics solutions have been
developed. For an isotropic material the crack
tends to grow in the opening mode I, but in the
case of an interface, the crack tends to grow along
the interface. This lends importance to quantifi-
cation of interfacial fracture toughness as a func-
tion of mode mixity.

Many different sandwich sample geometries are
possible, so only the most common ones will be
considered. The simplest example is the modified
KIc specimen [58,59], where a thin film is bonded
between the two pieces of a compact tension sam-
ple [57] [Fig. 13(a)]. Another version of this test
is the double cantilever test, where a thin film is
bonded between the two rigid elastic plates. For
the KIc test the applied stress intensity can be
expressed in the form:

K �
PQ

B√W
f(a/W), (37)

where PQ is the load determined from the load–
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Fig. 13. Sandwich specimen tests schematics: (a) Modified KIC sample; (b) Brazil-nut sample; (c) four-point bent (UCSB) sample.

displacement curve, B is the specimen thickness,
W is the specimen width as defined in Fig. 13(a),
f(a/W) is a function of a and W which is defined
in the standard for the homogeneous material [57].
McNaney et al. provide the elastic compliance sol-
ution for the modified compact tension as well as
the four-point bend specimens [60,61].

In the case of the double cantilever test, the
strain energy release rate can be expressed as
[62,63]:

G �
12P2a0

EB2H3[1 � AH/a0 � B(H/a0)2], (38)

where P is the fracture load, a0 is the precrack
length, and H is half the specimen height [Fig.
13(a)], A and B are the proportionality coefficients
(A�1.3 and B�0.5). For these sandwich speci-
mens, the presence of a thin middle layer does not
shift the phase angle much as long as the middle

layer is thin compared to the total sample thickness
2H [58]. The importance of both tests is that they
provide the interfacial toughness for almost pure
mode I loading.

Another test, which uses a sandwich structure,
is the Brazil disk test as shown schematically in
Fig. 13(b). A thin film is bonded in between two
pieces of a disk of radius R. A crack of length 2a
is processed into the interface. Since the load P
can be applied at a given compression angle � to
the crack axis, the mode mixity is varied by chang-
ing the angle. Pure mode I conditions are achieved
when � = 0° and pure mode II when ��25° [64].
The advantage of the test is the ability to change
the phase angle by rotating the sample relative to
the axis of the applied load.

Atkinson et al. presented explicit formulae for
KI and KII valid for any crack orientation in the
homogeneous Brazil disk [65,66]:
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KI �
PNI

RB�
a
p

(39)

KII �
PNII

RB �a
p

where P is the load applied in compression, a is
half the crack length, B is the disk thickness, NI

and NII are non-dimensional functions of the rela-
tive crack size, (a/R), and the compression angle
�. O’Dowd and coworkers provided stress inten-
sity solution for a bimaterial Brazil disk [64]:

K �
YP
2R

√2a(2a)�ie ei� (40)

where Y is a dimensionless geometric factor, e is
the bimaterial real constant as in Eq. (10). The
dependence of � and Y on the compression angle
� is not known. Since the crack has two tips, the
stress intensity factors at each tip will also be dif-
ferent, so � and Y must be provided for each crack
tip. Brazil disk mechanics for orthotropic materials
as well as an FEM model are discussed in Ref.
[67]. Mechanics for a Brazil-nut-sandwich speci-
men [Fig. 13(b)] and different failure types are
considered in [68].

The last type of the sandwich samples con-
sidered here is the four-point bend test [69–72],
Fig. 13(c). To date this is the most popular
adhesion test for the microelectronics industry. In
this test two elastic substrates with thin films on
them are bonded together with another material
(typically Cu, or epoxy). The upper substrate has
a notch in it, and a crack propagates through the
substrate and kinks into the interface of interest
upon loading. At this point the strain energy
release rate reaches steady state, which corre-
sponds to the load plateau in the load–displacement
curve. The strain energy release rate can then be
calculated from the steady state fracture plateau
load P [69] as follows:

G �
21(1�n2)P2L2

16Eb2h3 , (41)

where the geometrical parameters, L, b and h, are
shown in Fig. 13(c). After passing the lower sup-
port line, the crack does not exhibit stable growth,
and numerical analysis is required to assess G [70].

The phase angle for the test under steady state
crack growth conditions is approximately 43° [71].
Limitations of the test in terms of the K-dominance
region are discussed in [72].

None of the sandwich specimen tests account for
the residual stress in thin films. The ideal test
should simulate the practical situation as closely as
possible, while also being able to extract the value
of practical adhesion. The method must explicitly
account for contribution of the residual stress to
the decohesion process. If the test structure has
experienced only low temperatures upon fabri-
cation, using high homologous temperature (T/Tm)
processing steps in specimen preparation, such as
diffusion bonding, is not desirable, since it may
alter interface adhesion properties.

4. Mechanical properties determination

For most of the adhesion tests the knowledge of
the thin film mechanical properties is required. In
the previous section almost every expression for
the strain energy release rate has the thin film elas-
tic modulus. The modulus can be measured by the
microbeam cantilever deflection technique [73–
75], but the easiest way is by means of nanoindent-
ation [27], since no special sample preparation is
required and the same technique can be used for
measuring film adhesion.

Since there is a contribution of plastic energy
dissipation to the fracture process, the maximum
amount of this energy would be controlled by the
film yield stress. In the case of a thin film, the yield
stress is typically much higher than for a bulk
material [76]. This is partly explained by the Hall–
Petch type relationship between the film yield
stress and its grain size, d:

sys � si � kd�n, (42)

where si is some intrinsic stress, independent of
the grain size d, and n is typically between 0.5 and
1. Since the grain size of a thin film scales with
the film thickness, h, the latter can be used instead
of the grain size as the scaling parameter [77]:

sys � sCu[1 � bCuh�1/2], (43)

where sCu and bCu are the fitting parameters, and
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are 400 MPa and 0.287 µm1/2 for evaporated Cu
films [77].

For a metal film the yield stress can be approxi-
mated as one-third of the hardness measured by
nanoindentation. However, it has been found that
for very thin films where penetration depths are
small, that the yield strength is often higher than
that given by Eq. (43). This has been attributed to
either a substrate or indentation size effect [76]. To
avoid this, a technique also used is to determine
the yield strength by back calculating it from the
observed elastic–plastic boundary. That is, it can
be extracted from the extent of the plastic zone size
around the indenter, C, measured by AFM [76]:

sys �
3P

2pC2 (44)

where P is the applied load. Such yield stress data
for sputter deposited Cu films can be found in [78].

Such a comparison of these yield strengths to
those from Eq. (43) are shown in Table 1. While
the algorithm used by Wei and Hutchinson [77]
gives values about 10% higher than “observed,”
the uncertainty in the elastic–plastic boundary is
such that Eq. (43) easily applies to both sets of
data.

In a similar way, we have extracted data from
aluminum [79] and gold [80,81] films to arrive at
similar forms of the algorithm, i.e.

Al: sys	sAl[1 � bAlh�1/2] (45)

with a sAl of 140 MPa and a bAl of 0.8 µm1/2

and for

Au: sys	sAu[1 � bAuh�1/2] (46)

Table 1
Yield strength data for sputter-deposited Cu thin films

Film thickness 110 200 500 2000
(nm)

Observed sys
a, 650 600 560 450

(MPa)
Calculated sys

b, 746 656 562 481
(MPa)

a From Eq. (44).
b From Eq. (43).

with a sAu of 315 MPa and a bAu of 0.287 µm1/2.
With these yield properties established and using
accepted values of 70, 80.8 and 120 GPa for
Young’s moduli of Al, Au and Cu, we will proceed
to present thin film adhesion data mostly concen-
trated on these three systems. Note that the 120
GPa modulus for Cu is slightly less than its bulk
value due to porosity.

5. Thin film adhesion

With the ability to measure interfacial fracture
resistance and yield strength using the many test
techniques reviewed, it was next appropriate to
examine such thin metallic film properties. The fol-
lowing first involves providing data from a broad
number of sources, principally focused on as-
deposited thin films but some from buried and/or
diffusion bonded films for comparison
[8,10,24,25,27,38,46,71,80–103].

All of these data collected for films mostly
below several microns thick are given in Table 2.
It is seen that the data are concentrated on Al, Au
and Cu systems although a few dealing with other
f.c.c. and b.c.c. metal systems are given at the bot-
tom. For the arrows under the yield column these
refer to a range of yield strength corresponding to
Eqs. (43, 45) and (46) for the range of thicknesses
studied. The two exceptions are for the Cu/SiO2

interfaces where for thicknesses of 80 and 500 nm,
a range of yield strengths were obtained as a func-
tion of test temperature. What follows are a short
descriptive account of the interfaces associated
with the three main metallic films studied. Sub-
sequently, several mechanisms and models which
address nonlinear deformation contributions are
briefly reviewed and compared to these data.

5.1. Aluminum films

Most of the thin film adhesion data
[25,71,87,89,101] have been generated using either
superlayer indentation [39] as in Fig. 7, or the four-
point bend UCSB test [69–72] as in Fig. 13(c). In
all cases substrates were silicon wafers with SiO2

between the silicon and deposition layer(s) or
sapphire wafers. For the superlayer indentation
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tests, either W or Ta2N superlayers on the order of
1 µm thick were used incorporating a residual
stress on the order of 1 GPa compression or 100
MPa tension. Within the data scatter, a small effect
of residual stress was found on the resulting
adhesion measurements. Three types of interfaces
were evaluated, a direct deposit of Al, one with 40
nm of carbon as an interlayer and one with 40 nm
of copper as an interlayer [101]. The latter two
were known to provide lower adhesion. For 500
nm thick films these provided Gc values of 8.0,
0.65 and 0.6 J/m2. These are consistent with values
determined by Schneider et al. [87] using the same
type of test but with a Ta superlayer and 500 nm
of Al on Al2O3. Here, without and with carbon as a
contaminant, the toughness was 5.6 and 1.05 J/m2.
Another consistent result, even with using a differ-
ent test, was found by Dauskardt et al. [71] on Al–
Cu depositions with a 120 nm thick TiN/Ti/TiN
innerlayer. For a 500 nm film their interpolated
value would be 8.5 J/m2. In another study using a
thinner 70 nm TiN/Ti/TiN innerlayer, Xu et al. [25]
found the TiN/SiO2 interface failure energy to be
on the order of 1.9 J/m2 in the absence of humidity
effects. Both Volinsky et al. [101] and Dauskardt
et al. [71] ran evaluations over a range of thick-
nesses with the average values of all data without
contaminants from Table 2 being summarized in
Fig. 14. Irrespective of the strong innerlayer or
whether the substrate is SiO2/Si or Al2O3, there is

Fig. 14. Increase in strain energy release rate as a function of
film thickness from five investigations [71,87,89,101,25] com-
pared to three theoretical models [82]([106,108])[109].

a consistent increase in fracture resistance from
about 4 to 12 J/m2 with an order of magnitude
increase in thickness from 200 to 2000 nm. It
appears then that for strong interfaces, the meas-
ured strain energy release rate is dominated by the
aluminum thickness in Al/Xi/SiO2 or Al/Xi/Al2O3

systems as long as all Xi innerlayers are reasonably
thin. Note that this would apply equally to Al or
Al–Cu films.

5.2. Gold films

To our knowledge, Au films have been studied
exclusively on Al2O3 substrates or as bonded inter-
faces between sapphire slabs [84,92,93]. In the for-
mer either telephone cord blister analysis [16] or
the superlayer indentation test used TaN as the
superlayer. The bonded interface was evaluated as
a double-cleavage drilled compression test which
is similar to the Brazil disk test loaded along the
crack line. See Lipkin et al. [8] and Turner and
Evans [84] for more details. While a methodical
study of thickness variations has not been com-
pleted one can surmise that there is a large effect
since a two order of magnitude increase in thick-
ness variation in the two studies (0.2–15 µm)
resulted in a two order of magnitude increase in
toughness (1.4–150 J/m2) [81,82,92,93]. In
addition, a carbon contaminant diffused into the
interface reduced the Gc value by nearly two orders
of magnitude for the thick bonding layer [8,93].
However, a thin 6 nm Cr film used as an adhesive
innerlayer for the thin Au film doubled the Gc

value from 1.4 to 2.9 J/m2 [86] as determined from
the telephone cord morphology. For these super-
layer tests the Ta2N had a 2.5 GPa compressive
residual stress [81,82,86]. While a portion of the
as-deposited Ta2N/Cr/Au system gave telephone
cord delamination, a large portion of it did not
implying greater adhesion. From the indentation
test, these gave Gc values of 2.9 J/m2 as-deposited
and 11.8 J/m2 fully annealed at 400°C for 16 h (see
Table 2). Thus, while carbon contamination can
greatly reduce Gc, a strong innerlayer like Cr pro-
moting adhesion or annealing can double Gc of the
Au/Al2O3 system.
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5.3. Copper films

The most thoroughly studied material has been
the Cu/X/SiO2 system where a range of adhesion
has been achieved by varying the innerlayer, the
film thickness [22,78,82,85,88,99] or the test tem-
perature [82]. Initial studies on the single film
Cu/SiO2 system demonstrated that a 40–3000 nm
thickness variation could increase the Gc values
from about 0.6 to 100 J/m2. In that same series of
studies, the interfacial fracture energies could be
increased by about a factor of three using a 10 nm
thick innerlayer of titanium [78,82,85]. These stud-
ies, utilizing a W superlayer and nanoindentation,
are summarized in Table 2 and Fig. 15. Also
shown there is an upper bound from the previous
study [85] and a dislocation free zone, DFZ, model
[104] which has been updated as reported in a later
section. Still, these give a good accounting of the
increased fracture resistance with an increase in
copper thickness. It is clearly seen that the Ti
innerlayer increases fracture resistance for all
thicknesses by a factor of three. In a similar type
of study, Dauskardt et al. [88] also demonstrated
an increase in toughness as thicknesses were
increased from 30 to 10,500 nm. Here a thin
innerlayer of TaN/Ta was utilized to improve
adhesion so that the lower limit for the thinner
films gave values of about 5 J/m2. A similar
improvement was originally found by Kriese et al.
[99,103] using an innerlayer of Cr.

Fig. 15. Cu film adhesion on different underlayers.

For the first time [82], two sets of data on
Cu/SiO2 interfaces at elevated temperature demon-
strate unambiguously that the increase in the work
of adhesion increase was due to a plastic energy
absorption mechanism. These data eliminated such
possibilities as a phase angle change or an
increased interfacial strength which could be affec-
ted by changing the thickness of the ductile layer.
Here for two thicknesses of 80 and 500 nm, a range
of test temperatures from 80 to 130°C was utilized
to evaluate Gc. As is shown in Fig. 16, the fracture
resistance increased by a factor of four for the thin-
ner film while for the thicker film it increased by
more than an order of magnitude. This brittle-to-
ductile transition in a normally low-adhesion inter-
face of Cu/SiO2 with the same Cu thickness and
the same bond strength eliminated variables other
than the yield strength as possible sources of
increased toughening.

5.4. Other systems

Five other systems of importance Nb/Al2O3,
W/SiO2, Ta2N/Al2O3, SixNy/SiO2 and NbN/304SS
interfaces are detailed at the bottom of Table 2
[24,38,46,94,100,103]. The first two clearly dem-
onstrate that for even relatively high strength
niobium and tungsten films, that the work of
adhesion can be in the 5–10 J/m2 range if the thick-

Fig. 16. Temperature effects on interfacial toughness for 80
and 500 nm thick Cu films as predicted by Eq. (52), solid curv-
es.
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ness is 500 nm or greater. The next to last two
ceramic/ceramic systems clearly show low
adhesion values in the vicinity of 0.5–1.5 J/m2

even though the thickness might be as large as
1000 nm. Most importantly, the Ta2N/Al2O3 tests
with a six-fold increase in thickness demonstrated
a constant work of adhesion independent of thick-
ness. Finally, the last hard coating/ductile substrate
system with somewhat larger thickness produces a
huge jump in measured toughness [100]. Com-
pared to the ceramic/ceramic results, this cannot be
explained by an increased film thickness but is
rather a large substrate combination involving plas-
tic energy dissipation.

In summary to this section on thin film adhesion
measurements, it is seen that similar increases in
adhesion are found by either increasing the bond
strength with inner layers or by increasing the test
temperature. For the Cu/X/SiO2 system the increase
in both cases is about a factor of four for films less
than 100 nm thick. Even larger increases in frac-
ture resistance may be obtained by increasing duc-
tile film thicknesses. With regard to Au, Cu, and
Nb films on SiO2 or Al2O3 it is seen that strong
innerlayers such as Cr, Ta, Ti, and TiN tend to
increase the work of adhesion while weakly
bonded innerlayers such as C and Ag decrease
adhesion. Since Al/Al2O3 is already a strong inter-
face, contaminant innerlayers such as Cu or C can
substantially decrease the true work of adhesion.

Several comments are in order regarding the
effects of residual stresses in these thin films. As
pointed out at the end of the superlayer test dis-
cussion, the residual stress is taken into account for
buckled films. This applies to the data in Figs. 14–
17 where generally compressive residual stresses
are applied from the superlayer. Elsewhere [40] it
is shown for aluminum films that results were con-
sistent for both tensile (100 MPa) and compressive
(1 GPa) stresses in the tungsten superlayer. For the
four-point bend test, it is considered that the
residual stress is a second order effect on the driv-
ing force side of the equation. Such an effect might
be a change in the local curvature and hence the
mode mixity [102]. On the other hand, a residual
stress clearly could change the yield criterion and
plastic zone size at a crack tip affecting the resist-
ance side of the equation. This is currently being

Fig. 17. Increase in strain energy release rate as a function
of film thickness from two investigations [88]([78,82,85,99])
compared to two theoretical models [82]([106,108].

addressed for the resistance side of the equation
[102]. It is also known that residual stress can
affect pile up around an indenter. However, there
is little evidence of sink-in or pile-up effects in the
FIB cross-sections of lightly deformed superlayers
(see Fig. 20). In even highly deformed cross-sec-
tions of ductile films with no delamination there
was little evidence that pile-up would have
changed the volume deficit associated with an
indentation stress [101].

Given these findings, it is next appropriate to
review very briefly some fracture models wherein
the important variables with respect to adhesion are
included. These include phase angle, yield
strength, modulus, thickness and test temperature.

6. Toughening mechanisms

Consider first the influence of the phase angle
where Hutchinson and Suo [16,105] have shown
that toughness could increase substantially for
more opening mode I cracks incorporating more
mode II character. Here, the phase angle captures
that characteristic, as given by

y � tan�1�ts� (47)

where t is the local shear stress and s is the local
normal stress. The greater the mode II contribution
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the greater the ratio of t/s and thus the greater the
phase angle. This ratio can increase several ways,
by increasing the far-field applied shear stresses
compared to the normal stresses or by increasing
the local ratio through the bimaterial modulus
effect. As shown through Eqs. (7)–(12) an increase
in y could substantially increase interfacial tough-
ness. However, in the two extensive studies by
Volinsky et al. [78,82,85] and Dauskardt et al. [88]
the phase angles of the former [78] after buckling
were less than the phase angle of the four-point
UCSB test [88], e.g. 10–15° versus 43°. Neverthe-
less, the toughness measured for both Al/SiO2 and
Cu/Ti/SiO2 versus Cu/TaN/Ta/SiO2 were similar as
shown in Fig. 14 for Al and now for Cu in Fig.
17. If anything, the phase angle effect should give
Gc values for the four-point bending test higher
than the superlayer-indentation test. For this reason
we discount the phase angle effect as being the
major contributor for increased toughness with
increasing film thickness or test temperature. Given
a single material, it is also clear that modulus is
independent of thickness and over the small range
of temperatures investigated independent of test
temperature. This leaves yield strength, film thick-
ness and test temperature as the three strongly
obvious external variables influencing adhesion
although there are a host of intrinsic ones such as
bond strength, microstructure, etc. that also con-
tribute.

Two early models which could address failure
mechanisms in relatively thin films were by Hsia
et al. [106] and by Tvergaard and Hutchinson [83].
These, respectively, gave

Kc �
m√hp√p(1�n)[sc/m]2 ln(h/b)


ln(h/b)�
3
2�2

(48a)

Gc � K2
c/E (48b)

where sc/m is the ratio of the cohesive strength to
shear modulus, h is the film thickness, b is the Bur-
gers vector and n, E are elastic constants, while for
the second model

Gc � �SS � �i � 3pC�

s2
ysh
E

(49)

where �SS is the steady state resistance and C� is

a constant. The first of these is a dislocation shield-
ing model which predicts brittle fracture in a con-
fined film between two constraining layers as in the
four-point bend test. The second of these addresses
ductile fracture at a film-substrate interface.
Neither of these were quite applicable to the inter-
face debonding problem as sc was the cohesive
strength in (48a) and the only length scale in either
is the film thickness. Still with realistic values of
sc, m and sys Eqs. (48a) and (49) can be shown to
fit the data in Fig. 14 to first order. Improvements
to the dislocation shielding model were suggested
by Mao et al. [107,108] by taking into account
blunting and placing the crack-tip at the interface
while Suo et al. [109] and Wei and Hutchinson
[77] have combined concepts of the elastic zone
and the embedded process zone models to add
additional length scales. Just one of these, for
example, suggests that

�SS/�i � F� ŝsys

, N,
l

R0
� (50)

where ŝ is a peak local stress like sc above except
at the interface, N is a strain hardening exponent
and l/R0 is a ratio of two length scales, the first
associated with strain-gradient plasticity theory
and the second the plastic zone size. As none of
these explicitly address microstructure, a third pro-
cess zone length scale has been suggested which
considers the length over which separation occurs.
How to incorporate these various length scales is
still in its infancy and the measuring of such scales
except for the plastic zone size is equally difficult.

Taking a somewhat simpler view, we had pre-
viously described a brittle to ductile transition
model [104,110] for application to cleavage in sin-
gle crystals and later applied this to thin film frac-
ture [82]. While this is also to first order, it has the
parameters of yield strength and length scales with
origins in the Rice–Thomson failure criterion
[111]. In Thomson’s original dislocation emis-
sion criterion,

kI �
3
p�

2
p
sys√c�ln�4Rp

c � �
4
3� (51)

where kI is a local stress intensity, c is the distance
between the crack tip and the nearest dislocation
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Table 3
Length scale, c, determinations for 12 different multilayers compared to the normalized Griffith stress intensity squared (kIG/sys)2

Material stack cc (nm) sys
a (MPa) kIG

d (MPa m1/2) (kIG/sys)2 (nm) Ref.

W/W/SiO2/Si 1.45 2500 0.335 18 [103]
Nb/Ag/Al2O3 2.2 2000b 0.283 20 [24,94]
Nb/Al2O3 2.7 2000 0.313 24.5 [24,94]
Au/C/Al2O3 8.0 600 0.16 71 [93]
Au/Al2O3 11 600 0.225 141 [86]
Cr/Cu/SiO2/Si 11 763 0.24 75 [22]
Al/C/SiO2/Si 13 494 0.132 71 [87]
Al/C/SiO2/Si 13 494 0.153 96 [87]
Au/Al2O3 14 600 0.32 284 [92,93]
Al/Cu/SiO2/Si 15 494 0.17 118 [101]
Cu/SiO2/Si 17 763 0.33 187 [88]
Au/Cr/Al2O3 24 600 0.33 303 [86]
Cu/Ti/SiO2/Si 60 763 0.66 748 [78,82,85]
Cu/Cr/SiO2/Si 85 763 0.70 840 [103]
Al/SiO2/Si 300 494 0.55 1240 [101]

a Yield strength at h = 100 nm (estimated where necessary).
b Estimated from H/3 at h = 105 nm.
c Back calculated from Eq. (52) at Kc = kIG = √EG0 with G0 from Table 2.
d Determined experimentally from kIG = Kc at a film thickness of 100 nm or with G0 from Table 2.

and Rp is the plastic zone size. As shown elsewhere
[82], by describing the plastic zone size in terms
of the far-field applied stress intensity this gives

Kc �
sysc1/2

2.44
exp
 kIG

1.52sysc1/2� (52)

where for an interface Kc would be associated to
Gc through (48b) and kIG would be the local Grif-
fith value associated with the true work of adhesion
of the interface. While Eq. (52) does have the yield
strength, a length scale and a failure criterion (kIG)
it does not explicitly include film thickness, h. This
however, is implicit as to how film thickness
affects yield strength through Eqs. (43, 45) and
(46). We have calculated values of kIG and c from
available data as reported in Table 3. With the
length scale c, as in Eqs. (51) and (52), being lin-
early related to (kIG/sys)2 in Fig. 18 for the yield
strength calculated at h = 100 nm, the data suggest
that Kc�3.3sysc1/2 at this thickness where plasticity
is absent or negligible. This allowed two estimates
for determining G0 through (48b) by taking K2

c/E
at a film thickness of 100 nm or using k2

IG/E

Fig. 18. Comparison of how the dislocation free zone length
scale parameter, c, is related to the interfacial Griffith energy
(kIG = [2Egi]1/2) and yield strength.
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directly.1 As these were comparable, the latter are
shown in Table 3. Where possible we compared
these to the thermodynamic works of adhesion,
Wad, as determined from high temperature
measurements [95–98] in Fig. 19. Except for two
relatively high and low points, the comparison is
favorable with G0 values only slightly higher than
the thermodynamic adhesion values. Note that in
Table 2 we have taken a few liberties in assuming
that a TiW interface (which is mostly titanium)
with SiO2 is similar to a Ti/SiO2 interface and that
TaN/SiO2 would be similar to TiN/SiO2. Even
without these, however, the agreement is encour-
aging.

To illustrate the predictive qualities of these
models, we have included a comparison of these to
the aluminum data of Fig. 14. Beyond the critical
thickness, G0 increases to Gc due to plastic energy

Fig. 19. Direct comparison of G0 determined at 100 nm film
thicknesses to values of the thermodynamic adhesion energy for
metal film/SiO2 or Al2O3 interfaces. (Note that some of these
values are back calculated by extrapolating or interpolating the
value of Kc at 100 nm.)

1 Note that as Eqs. (51) and (52) are in terms of the local
resistance to crack growth that the implicit assumption here is
that G0 = R. It should be emphasized here that some of the data
calculations in Table 3 required G0 to be estimated to know kIG

so that c could be determined from Eq. (52). In these cases this
becomes a circular argument but in the majority independent
determinations were possible. In the others, self-consistency is
maintained with the resulting correlation shown in Fig. 18.

Fig. 20. FIB cross-sections of the indents into W/Cu 120 nm
corresponding to schematic from Fig. 6: (a) no buckling; (b)
double-buckling during indentation; (c) single-buckling after
the indenter tip removal.

dissipation. It is seen that all three qualitatively and
even quantitatively within adjustable bounds pre-
dict the correct trend. Similarly the data for copper
in Fig. 17 are predicted to first order as shown.
Taking the same value of c = 17 nm for both 80
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and 500 nm films as was used for Fig. 17, it is
seen in Fig. 16 that the brittle-to-ductile transition
can be predicted as a function of test temperature.
The only variable used here was that of test tem-
perature as to how it changed yield strength in Eq.
(52). To summarize, this relatively simple three-
parameter model with a single flow parameter, sys,
a single failure criterion, kIG � √(EG0), and a sin-
gle length scale, c, predict both the thickness and
temperature dependencies of Kc and therefore Gc,
the practical work of adhesion.

One final point on these toughening mechanisms
and models is that a length scale dependence
implies a relationship between the measured frac-
ture resistance and the thermodynamic work of
adhesion. Such models as embodied in elastic core
models of Eq. (50) can lead to a power law depen-
dence while those with a dislocation free zone like
Eq. (52) can lead to an exponential dependence.
To simplify, these can be expressed as

Gc

Wd

�� Wd

bsys
�1�n

n
;

Gc

Wd

�
s2

ysc
EWd

exp
�p3EWd

8s2
ysc

�1/2�
(53)

where the first comes from strain-gradient plas-
ticity considerations [20] and the second from
discretized dislocation shielding [111] and Eq.
(52). For a typical yield strength range of 400–
1000 MPa with E, Wd and n being 200 GPa, 2 J/m2

and 0.2, one can show with c�80b, both of these
predict large values of Gc/Wd on the order of sev-
eral orders of magnitude. Furthermore, that ratio
increases by about a factor of 40 in the first case
and a factor of 80 in the second as yield strength
is decreased from 1000 to 400 MPa.

6.1. Note added in proof

After the experimental work associated with
superlayer-indentation was completed and ana-
lyzed, it came to our attention that FIB was avail-
able. Several cross sections of Cu/SiO2 interfaces
indented at low, intermediate and high loads were
evaluated [112]. As seen in Fig. 20(a), the inden-
tation at low load did not trigger delamination. In
20(b), a relatively large load plastically deformed
the tungsten and pinned the regions between the
crack right under the indenter and those extending

further out on both sides to produce the blister.
There is about a 500 nm hiatus in cracking on both
sides of the central crack. Even though the film
was only 120 nm thick, this resulted in a double
buckling mode. Finally, in a third indent, it is seen
in Fig. 3(c) that single buckling results. At the
center of the original indent, it is now seen that the
crack opening is greatest. Compare these with the
schematics shown in Fig. 6.

7. Summary

Some twelve thin film or interfacial adhesion
tests are reviewed with emphasis toward ductile,
thin metallic films. In addition 25 single and multi-
film stacks on silicon or alumina substrates are
reviewed as to how variations in thickness, chemis-
try and temperature affect adhesion. Major roles
are shown for thickness, test temperature and inter-
face chemistry as to how they affect yield strength
and the thermodynamic work of adhesion. For Al,
Cu and Au films, any one of these variables are
shown to change the practical work of adhesion by
an order of magnitude or more. At low thickness,
the adhesion asymptotically approaches the ther-
modynamic work of adhesion while large thickness
predominantly controls the practical work of
adhesion through plastic energy dissipation. It is
shown that resistance-based models need yield
strength, a failure criterion and at least one length
scale for predictive quality.
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